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Temperature and Strain-Rate Effects on Low-Cycle Fatigue 
Behavior of Alloy 800 H 


K. BHANU SANKARA RAO, H. SCHIFFERS, H. SCHUSTER, and G.R. HALFORD 

The effects of strain rate (4 X 10 -6 to 4 X 10 -3 s -1 ) and temperature on the low-cycle fatigue (LCF) 
behavior of alloy 800H have been evaluated in the range 750 °C to 950 °C. Total axial strain 
controlled LCF tests were conducted in air at a strain amplitude of ±0.30 pet. Low-cycle fatigue 
life decreased with decreasing strain rate and increasing temperature. The cyclic stress response 
behavior showed a marked variation with temperature and strain rate. The time- and temperature- 
dependent processes which influence the cyclic stress response and life have been identified and their 
relative importance assessed. Dynamic strain aging, time-dependent deformation, precipitation of 
parallel platelets of M 23 C 6 on grain boundaries and incoherent ledges of twins, and oxidation were 
found to operate depending on the test conditions. The largest effect on life was shown by oxidation 
processes. 


I. INTRODUCTION 

ALLOY 800H is an iron-based, fully austenitic alloy. It 
has the same chemical composition as alloy 800 with the 
exception that the carbon content is restricted to the upper 
portion of the standard range for alloy 800. In addition to 
a controlled-carbon content, alloy 800H receives an an- 
nealing treatment that produces a coarse grain size. The 
larger grain size and carbon content give this alloy greater 
creep and rupture strength. The alloy is used as a material 
for heat- exchanging components in various energy conver- 
sion systems and in the petrochemical industry. Resistance 
to low-cycle fatigue (LCF) and creep-fatigue interaction is 
an important requirement for the successful design of high- 
temperature, heat-exchanging components. Low-cycle fa- 
tigue loadings are expected to result from thermally induced 
strain cycles associated with start-up and shutdown and 
fluctuations in operating conditions. Only limited LCF data 
are available on alloy 800H at temperatures higher than 750 
°C and at strain rates less than 4 X 10~ 4 s _1 . [1 - 2 - 3] The ma- 
jority of the reported tests have been conducted at e «== 10 -3 
s -1 . This strain rate is orders of magnitude higher than the 
thermally induced strain rates (~ 10 -6 s _I ) in heat-exchang- 
ing components. There is, therefore, a need for fatigue data 
at lower strain rates in this high-temperature regime. Here, 
the fatigue behavior can be affected significantly because 
of changes in deformation and damage mechanisms caused 
by differences in slip mode, oxidation, phase and geomet- 
rical instabilities, and dynamic strain aging (DSA). The ef- 
fect of these temperature- and time-dependent processes 
may reduce an alloy’s cyclic life resistance by orders of 
magnitude as compared to the room-temperature behavior. 
By studying the failure modes under carefully chosen lab- 
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oratory conditions, it is possible to obtain deeper insight 
into the various time-dependent damage processes, their in- 
teractions, and the factors controlling their rates of devel- 
opment. More confident extrapolation to the conditions that 
are not covered by testing should then be possible by em- 
ploying appropriate life prediction approaches. 

The current investigation has been conducted with the 
following objectives: (a) to study the influence of various 
time-dependent processes on LCF life and cyclic stress re- 
sponse of alloy 800H over a range of strain rates at a 
relatively high temperature of 850 °C; (b) to assess the ef- 
fects of temperature on LCF behavior between 750 °C and 
950 °C at a constant strain rate; and (c) to obtain detailed 
information on crack initiation and propagation modes, pre- 
cipitation behavior under LCF loading, and micromechan- 
isms of cyclic deformation under the aforementioned 
conditions. All the LCF tests were performed at a constant 
axial strain range of 0.60 pet (strain amplitude: ± 0.30 pet). 


II. EXPERIMENTAL PROCEDURES 

Alloy 800H, with the composition (wt pet) 46.38Fe, 
31.0Ni, 20.55Cr, 0.07Co, 0.1 7Mo, 0.25 Al, 0.35Ti, 0.06C, 
0.85Mn, and 0.32Si, was used in the form of 22-mm di- 
ameter solution-annealed rods. Solution annealing was car- 
ried out at 1175 °C for 1 hour followed by water quenching, 
which produced an average linear intercept grain size of 
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Fig. 1 — Geometry of the specimen (all dimensions are in millimeters). 
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Table I. Effects of Strain Rate and Temperature on LCF Properties of ALLOY 800 H 


Specimen 

code 

Temperature 

°C 

Strain Rate 
s _l 

Number of cycles 
to crack initiation 
(NJ 

Number of Cycles 
to failure 
(N y ) 

Tensile stress 
First cycle 
(MPa) 

Tensile Stress 
Half-life 
(MPa) 

Serrated Flow 
Tension 
Compression 

AHZ 1 

850 

4 

X 10~ 3 

1144 

1423 

94.3 

146.4 

1/4 - 300 

1 - 300 

AHZ 7 

850 

4 

X 10~ 3 

817 

1007 

98.1 

148.4 

1/4 - 200 

1 - 200 

AHZ 9 

850 

4 

X 10- 3 

1115 

1313 

98.5 

148.4 

1/4 - 200 

1 - 200 

AHZ 13 

850 

4 

X 10~ 3 

817 

977 

96.2 

147.8 

1/4 - 200 

1 - 200 

AHZ 2 

850 

4 

x io - 4 

1014 

1245 

97.5 

113.0 

1/4 

1 

AHZ 4 

850 

4 

x io - 4 

951 

1160 

98.0 

113.4 

1/4 

1 

AHZ 10 

850 

4 

X 10~ 4 

911 

1145 

97.8 

114.2 

1/4 

1 

AHZ 3 

850 

4 

X 10~ 5 

714 

937 

80.0 

77.9 

— 

— 

AHZ 6 

850 

4 

X IO " 5 

455 

703 

83.0 

79.3 

— 

— 

AHZ 8 

850 

4 

x 10- 5 

489 

731 

82.6 

78.7 

— 

— 

AHZ 11 

850 

4 

X 10- 5 

548 

687 

80.7 

77..9 

— 

— 

AHZ 12 

850 

4 

x 10- 5 

471 

629 

82.4 

78.1 

— 

— 

AHZ 32 

850 

4 

x 10- S 

659 

917 

80.3 

78.1 

— 

— 

AHZ 16 

850 

4 

x io ~ 6 

326 

383 

53.5 

51.4 

— 

— 

AHZ 17 

850 

4 

x io - 6 

261 

334 

53.9 

52.1 

— 

— 

AHZ 14 

950 

4 

x 10- 5 

349 

470 

46.5 

44.1 

— 

— 

AHZ 15 

750 

4 

X 10- 5 

809 

957 

103.3 

285.3 

— 

— 


130 yum (ASTM 3). Figure 1 shows the LCF test specimen. 
Tests were performed in air under fully reversed, axial 
strain-controlled mode, employing a symmetrical, triangu- 
lar strain- wave cycle in a servohydraulic system of ±100 
kN dynamic load capacity. Axial strain was measured and 
controlled from an axial gage length extensometer mounted 
on ridges of the test specimen. A nominal total axial strain 
amplitude of ± 0.30 pet (strain range of 0.6 pet) was em- 
ployed for all the tests. No corrections were applied for the 
small tapered sections of the lengths between the ridges. 
The specimens were inductively heated. Uniform heating 
of the specimen gage length was accomplished with the 
help of three separately adjustable sections of the induction 
coil and by carefully monitoring and controlling the spec- 
imen temperature using six thermocouples spot welded at 
equal intervals on the gage section. The temperature profile 
remained within ±2 °C of the nominal temperature 
throughout each test. Metallography revealed that no cracks 
were initiated adjacent to the spot- welded regions during 
LCF testing. Stress-strain hysteresis loops were recorded 
continuously with an X-Y recorder to determine the cycle- 
dependent changes in serrated flow behavior, stress, and 
plastic strain ranges. The stress-strain values have also been 
stored and processed with a PDP 1 1 computer. 

The influence of nominal strain rate (e = 4 X 10 -6 to 4 
X 10 -3 s~‘) on LCF behavior was studied at 850 °C. The 
effects of temperature were assessed in the range 750 °C to 
950 °C at a constant strain rate of 4 X 10 _s s - '. Fracto- 
graphic analysis has been carried out on the failed samples 
by optical microscopy and scanning electron microscopy 
(SEM) to determine the crack initiation and propagation 
modes. Studies were also conducted on longitudinal sec- 
tions of failed specimens to document the behavior of sur- 
face cracks and microstructural changes that occurred 
during LCF testing. These studies were supplemented by 
transmission electron microscopy (TEM) investigations for 
which samples were obtained 1 mm below the fracture sur- 
faces normal to the loading axis. Thin foils were prepared 
by initially grinding the samples down to 250-yam thick- 
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ness, followed by electropolishing in a solution containing 
20 vol pet H 2 S0 4 and 80 pet methanol, at 25 V and at a 
temperature of =»0 °C, in a twin jet apparatus. 

III. RESULTS 

A. Effects of Strain Rate and Temperature on LCF Life 

A summary of the experimental results showing the in- 
fluence of strain rate (e) and temperature on LCF properties, 
such as the number of cycles to macrocrack initiation (TV,-), 
the number of cycles to failure (Nf, the peak tensile stress 
amplitude in the first quarter cycle (o* r ) 1/4 , and the stress 
amplitude (oy) Ni/2 for the cycle corresponding to half of the 
macrocrack initiation life, is presented in Table I. The crack 
initiation and propagation lives were derived by means of 
a quotient-curve method. In this method, as a first step, the 
absolute values of the peak tensile (<x r ) and compressive 
(<r c ) stresses in each cycle were plotted against the number 
of cycles. The quotient curve was obtained by plotting 100 
X | erfa-^ as an ordinate. The quotient curve initially 
showed a plateau region over a large number of cycles and 
then displayed an upward trend. For all those points in the 
plateau region of the quotient curve, a straight-line fit was 
obtained by linear regression analysis. The number of cy- 
cles corresponding to the intersection point of a parallel line 
drawn at a value of 3 pet higher than the regression line 
and the quotient curve has been taken as the macrocrack 
initiation life. The number of cycles corresponding to the 
intersection point of the quotient curve and another parallel 
line at 50 pet higher than the regression line has been des- 
ignated as the failure life. This procedure was repeated for 
all the tests. 

The quotient-curve method enabled the clear distinction 
between the changes arising in cyclic stress response due 
to deformation and crack initiation. For a given set of ex- 
perimental conditions, the tests conducted on identical spec- 
imens showed a large variation in number of cycles to near 
end-of-life. On the other hand, the experimental scatter in 
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Fig. 2 — (a) and ( b ) Diagrams describing compressive (cr c ) and tensile ( cr T ) 
stress response and the extension and location of macrocracks across the 
gage length (insert). The sample in (a) which developed a large number 
of microcracks exhibited a smaller number of cycles to failure. 

N ; values is comparatively small. The major factor respon- 
sible for the large scatter in end-of-life has been analyzed. 
Figure 2 illustrates the tensile (cry) and compressive (o" c ) 
stress response of two samples tested at e — 4 X 10“ 3 s _I , 
at 850 °C. The vertical lines in the inserts of Figures 2(a) 
and (b) describe the extension of the microcracks along the 
circumference and their location across the gage length of 
the sample measured from a reference point from one end 
of gage length. The sample that developed the most cracks, 
which were oxidation induced, exhibited a rapid fall in cy- 
clic tensile stress and a lower number of cycles to the end- 
of-life than the sample that contained relatively few cracks. 
From this observation, it can be inferred that very large 
scatter in the end-of-life could result at a given test con- 
dition as a result of the variation in the density of micro- 
cracks among different samples, although utmost care has 
been exercised to perform the LCF tests on geometrically 
similar samples with an identical surface finish. Thus, it 
appears to be more appropriate to express the influence of 
temperature and strain rate with respect to number of cycles 
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Fig. 3 — Influence of temperature and strain rate on macrocrack initiation 
life. The numbers marked at the data points obtained at 850 °C correspond 
to the number of tests conducted. 

to macrocrack initiation, since the crack initiation life does 
not include the effects associated with growth of multiple 
cracks and their linkage. Therefore, in the current study, 
the life is expressed as number of cycles to macrocrack 
initiation N t . The influence of strain rate (4 X 10 -6 to 4 X 
10 -3 s _l ) at 850 °C and temperature (750 °C/850 °C/950 
°C) at e = 4 X 10 -5 s -1 on N are shown in Figure 3. It 
can be seen that, as anticipated, there is a significant re- 
duction in LCF life as a result of increasing temperature 
and/or decreasing strain rate. 

B. Effects of Strain Rate and Temperature on Cyclic 
Stress Response 

The cyclic stress response curves for various strain rates 
at 850 °C and different temperatures at e = 4 X 10~ 5 s -1 
are shown in Figures 4 and 5, respectively. At 850 °C and 
at £ > 4 X 10~ 4 s -1 , the alloy exhibited a relatively short 
period of cyclic hardening in the early stages of cyclic life 
followed by a regime of nearly stable peak stresses. Toward 
the end of the tests, the stress range decreased rapidly, in- 
dicating the formation of macrocracks and their subsequent 
growth. The degree of hardening was higher for £ = 4 X 
10 -3 s" 1 than for £ = 4 X 10~ 4 s _I . At 950 °C and in the 
tests at the two lower strain rates (<4 X 10" 5 s -1 ) at 850 
°C, the alloy showed rapid initial softening followed by 
gradual softening until macroscopic crack growth occurred. 
At 750 °C and £ = 4 X 10 -5 s -1 , the alloy underwent 
considerable hardening prior to the onset of a continuous 
and pronounced softening stage. At 750 °C, however, no 
saturation in cyclic stress response was observed such as 
that in the high strain rate tests at 850 °C. The higher strain 
rate (£>4 X 10 _4 s _1 ) tests at 850 °C exhibited serrated 
flow in the plastic regions of stress-strain hysteresis loops 
(Figure 6(a)). Figure 6(b), constructed with the help of data 
stored in a PDP 1 1 computer, illustrates more precisely the 
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Fig. 4 — Effects of strain rate on cyclic stress response at 850 °C. Each 
curve represents the stress response of a single specimen. 



Fig. 5 — Influence of temperature on cyclic stress response (t = 4X 10 -5 

s-'). 


actual serrated flow observed in the first quarter cycle of 
Figure 6(a). Serrated flow has disappeared after about 200 
cycles (Table I). Serrated flow is considered as one of the 
manifestations of DSA. 

C. Fracture Behavior 

Cracks invariably initiated at the specimen surface in all 
test conditions. At 850 °C, a clear transition in crack initi- 
ation and propagation behavior was found from transgran- 
ular stage-II cracking at e > 4 X 10 -4 s _I to intergranular 
initiation and propagation at £ < 4 X 10 -s s -! (Figures 7(a) 
and (b)). Transgranular stage-II cracking was characterized 
by its occurrence along the planes which were oriented ^90 
deg to the applied stress axis. The test at 950 °C also 
showed intergranular crack initiation and propagation (Fig- 
ure 7(c)). At 750 °C, at £ = 4 X 10 -5 s _l , crack propagation 
was characterized by mixed transgranular plus brittle inter- 
granular mode of cracking, despite the fact that the initia- 
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Fig. 6 — (a) Stress-strain hysteresis loops showing serrated flow in the 
plastic regions at 850 °C at a strain rate of 4 X 10 -3 s -1 and (b) magnified 
view of the first quarter cycle of stress-strain hysteresis loop shown in (a). 


tion and early propagation took place by stage-II 
transgranular mechanism (Figure 7(d)). 

D. Deformation-Induced Substructure 

The deformation behavior is described in terms of slip 
character, which is considered as a measure of the degree 
to which dislocations tend to disperse during plastic defor- 
mation. [4] In general, wavy slip occurred at 950 °C and over 
the wide range of strain rates investigated at 850 °C. The 
specimens deformed at 850 °C and £ > 4 X 10“ 4 s~' re- 
vealed cell formation (the walls of which were made up of 
disordered arrays of dislocations) with randomly distributed 
dislocations in cell interiors (Figure 8(a)). Instead, at 950 
°C and in the lower strain rate tests at 850 °C, subgrains 
(with walls made up of ordered arrays of dislocations) were 
frequently observed (Figure 8(b)). At 750 °C and £ = 4 X 
10 -5 s -1 , the deformation substructure was composed of 
planar slip bands (Figure 8(c)) and cells. There was no ev- 
idence of planar slip in the tests at 850 °C and 950 °C and 
slip was entirely homogeneous. 
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Fig. 7 — (a) Fracture surface illustrating stage-II transgranular crack initiation at 850 °C, e — 4 X 10 3 s (b) intergranular crack initiation and propagation 
at 850 °C, e = 4 X 1 0 -6 s~'; (c) intergranular fracture at 950 °C showing a large number of secondary cracks; and (d) brittle intergranular plus transgranular 
mode of propagation at 750 °C. 


E. Evolution of Microstructure during LCF Deformation 

In the solution-annealed and quenched condition, the al- 
loy contained relatively coarse and randomly distributed 
polyhedral precipitates in both intra- and intergranular 
regions. These have been identified as primary Ti(C,N) by 
energy dispersive X-ray analysis (EDXA). These primary 
carbides did not show any rational orientation relationship 
with respect to the matrix. These were nucleated in the melt 
and were not dissolved during the solutionizing treatment. 
The shape, size, and distribution of the Ti(C,N) did not 
undergo any conspicuous change during cyclic deformation 
at any of the test conditions employed. 

Although the starting material was free from precipitates 
other than primary Ti(C,N), fatigue-tested material exhib- 
ited a variety of phases such as chromium-rich M 23 C 6 , TiC, 
cr, G phase, and parallel plates of M 23 C 6 . The a and G 
phases have been reported to have stoichiometries of FeCr 
and Ti 6 Ni 16 Si 7 , respectively . t5] Their location, size, shape. 


and distribution strongly depended on both temperature and 
£. The regions surrounding the primary carbides acted pref- 
erably as the primary sites for carbide precipitation. 

At all the test conditions, the intergranular precipitates 
were generally rather coarse compared to intragranular pre- 
cipitates. The precipitation of M 23 C 6 was particularly pro- 
nounced at 750 °C. Bright- and dark-field TEM 

micrographs of the substructure at 750 °C revealed prefer- 
ential association of M 23 C 6 precipitates (Figure 9(a) and (b)) 
with dislocations and dislocation tangles in the intragran- 
ular regions. The grain boundaries contained discrete par- 
ticles of M 23 C 6 , as shown in Figures 10(a) and (b). Cyclic 
deformation at 850 °C and e > 4 X 10~ 4 s -1 caused pre- 
cipitation of large amounts of very fine cube-shaped M 23 C 6 
in the matrix that served as pinning points for dislocations 
(Figure 11(a) and (b)). Occasionally, secondary TiC was 
also found in the matrix. Apart from these discrete carbides, 
marked precipitation of M 23 C 6 particles in the form of par- 
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Fig. 9 — (a) Bright- and ( b ) dark-field TEM micrographs showing 
intragranular M 23 C 6 associated with dislocations and dislocation tangles at 
750 °C. 

tated and, together with M 23 C 6 , were found in both intra- 
and intergranular regions (Figure 13(a)). In the matrix, TiC 
generally precipitated on the dislocations that have been 
coagulated. [5] Decreasing the strain rate leads to the coars- 
ening of intragranular M 23 C 6 and the formation of a contin- 
uous layer of M 23 C 6 on some of the grain boundaries 
(Figure 13(b)); it also causes the occurrence of a phase 
(FeCr) and G phase, in minor amounts. At 950 °C, TiC was 
the predominant phase which coexisted with M 23 C 6 both in 
the intra- and intergranular regions. In general, the total 
volume fraction of intragranular precipitates significantly 
decreased and their -size increased at higher temperatures 
and lower £. 


Fig. 8 — (a) Cell structure in samples deformed at 850 °C with a strain 
rate of 4 X 10~ 3 s -1 ; ( b ) subgrain wall containing orderly arranged 
dislocations at 850 °C, e = 4 X 10 -s s -1 ; and (c) mixed mode deformation 
containing cells and planar slip bands at 750 °C. 

allel plates occurred at grain boundaries and also at inco- 
herent ledges of twin boundaries. This type of precipitation 
of M 23 C 6 has also occurred at 750 °C. Details of the mi- 
crostructure containing parallel plates of M 23 C 6 are illus- 
trated in Figures 12(a) through (c). Also at 850 °C and £ < 
4 X 10” 5 s'" 1 , copious amounts of secondary TiC precipi- 


IV. DISCUSSION 

A. Cyclic-Deformation-Induced Precipitation 

The precipitation behavior of alloy 800H under stress- 
free thermal exposure conditions has been investigated in 
detail. [s:! It was noticed that TiC occurs readily at temper- 
atures higher than 900 °C, whereas M 23 C 6 forms preferen- 
tially at temperatures lower than 800 °C. At about 850 °C, 
the precipitation kinetics of M 23 C 6 and TiC were reported 
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Fig. 10 — (a) Bright-field TEM micrograph depicting intra- and 
intergranular M 23 C 6 ; and (6) SEM photograph showing the intra- and 
intergranular M 23 C 6 at 750 °C. 

to be similar/ 31 and as observed in this investigation, both 
phases coexist under stress-free thermal exposure at 850 °C. 
The time-temperature-transformation diagram of Degischer 
Aigner 161 predicts an incubation period of *=6 hours for the 
occurrence of TiC under stress-free thermal exposure at 850 
°C for alloy 800. Since the carbon content in alloy 800H 
is higher than that in alloy 800, it can be expected that the 
incubation period for TiC precipitation would be reduced. 
In this study, TiC precipitated in LCF tests (e = 4 X 10“ 3 
s -1 at 850 °C) that lasted for only 1 hour. In general, LCF 
deformation enables the nucleation and growth of carbides 
to proceed quickly because of the generation of nucleation 
sites such as dislocations and dislocation tangles and en- 
hanced diffusion of solute elements that make up the car- 
bides with aid of nonequilibrium vacancies generated 
during deformation. Cyclic straining creates vacancies at a 
rate greater than unidirectional deformation or stress-free 
exposure at elevated temperatures. 17 81 It has been speculated 
that cyclic deformation generates vacancies by nonconser- 
vative jog motion or by annihilation of nonscrew disloca- 
tions in the matrix. 17 - 81 

At higher strain rates at 850 °C and 750 °C, the parallel 



Fig. II — Bright-field TEM micrograph illustrating dislocation-precipitate 
interactions at 850 °C, £ — 4 X 10~ 3 s _1 . The fine cube-shaped precipitates 
are M 2 ,C S . 


plates of M 23 C 6 have grown on randomly oriented grain 
boundaries such that there is no association between par- 
ticle orientation and applied stress direction (Figure 12). 
This type of precipitation exhibited a stronger preference to 
form on those grain and incoherent ledges of twin bound- 
aries that are beneath the fracture surface (Figure 12(c)) and 
in the areas surrounding the microcracks that are away from 
the fracture zone. The platelets advanced into the grain in 
a direction perpendicular to the grain boundary and inco- 
herent ledges of the twin. The majority of the carbide plates 
have a (100> y //(100) M23C6 orientation relationship with the 
matrix. Small boundary precipitates, presumably formed 
prior to the nucleation of parallel plates, were found along 
the grain boundaries and incoherent ledges of twin. Precip- 
itation of parallel platelets occurred profusively in the high 
strain rate (e = 4 X 10~ 3 s -1 ) LCF tests that promoted 
cyclic hardening. Precipitation of M 23 C 6 platelets has been 
reported in isothermally aged as well as creep-tested sam- 
ples of alloy 800H. t91 The mechanism by which the parallel 
platelets occur at the incoherent ledges of twins during iso- 
thermal exposure of austenitic stainless steels has been out- 
lined by Singhal and Martin. 1101 They found that Shockley 
partial dislocations are emitted from the boundary during 
the growth of boundary precipitates and subsequently gen- 
erated over the stacking fault. It has been suggested that 
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(C) 


Fig. 12 — (a) SEM photograph showing massive precipitation of M 23 C 6 on 
a grain boundary that has been migrated; (b) bright-field TEM micrograph 
showing the nucleation of massive precipitates of M 23 C S on grain 
boundaries; and (c) optical micrograph showing precipitation of parallel 
plates of M 23 C 6 on grain and incoherent twin boundaries in the area just 
below the fracture surface. 

the new precipitates nucleate on the partial dislocations and 
grow over stacking fault, producing the characteristic plate 



(P) 


Fig. 13 — (a) SEM photograph illustrating the distribution of TiC, M 23 C S) 
and G phase in the tests conducted at 850 °C, e = 4 X 10~ 6 s _1 ; and (b) 
bright-field TEM micrograph showing the continuous film of M 23 C 6 on 
grain boundary, £ = 4 X 10 -5 s -1 . 

shape. The mechanism of nucleation of massive precipitates 
during cyclic deformation appears to be consistent with that 
advanced by Singhal and Martin for isothermal exposure of 
stainless steels. The major driving force for massive pre- 
cipitation appears to be carbon supersaturation; an increase 
in the carbon content should favor this type of precipita- 
tion. [11] Solution annealing at 1175 °C dissolves most of the 
carbides which, on subsequent exposure to test temperature, 
reprecipitate heterogeneously on the grain and the incoher- 
ent ledges of twin boundaries and increase the chance of 
massive precipitation. The long-term stability of these pre- 
cipitates is particularly important, since the transformation 
of such a large structure to a brittle intermetallic phase such 
as sigma could lead to a detrimental effect on LCF life. 

B. Correlation between Cyclic Stress Response, 
Deformation, and Precipitation Behavior 

The cyclic stress response at 750 °C was characterized 
by rapid hardening to a maximum stress followed by rapid 
softening (Figure 5). Similar stress response was observed 
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Fig. 14- — Optical micrograph of the longitudinal section illustrating 
transgranular microcrack initiation and propagation at 850 °C, £ = 4 X 
10~ 4 s _l . It can be noticed that the crack flanks contain a very thin oxide 
layer and that the crack shows a tendency for branching. 



Fig. 1 5 — Intergranular crack initiation and propagation at 850 °C, e — 4 
X 10~ 5 s-‘. 

in several alloy systems. These include nickel-base alloys 
strengthened by y and y'M 12 - 18 ) Al-Cu [19] hardened by 0, 
and ordered intermetallics Ni 3 Mn [20] and Cu 3 Au. [21] The in- 
itial hardening at 750 °C can be associated with the com- 
bined effects of accumulation of dislocations in planar slip 
bands (Figure 8(c)) and interaction between dislocations 
and M 23 C 6 in the intragranular regions. The evolution of 
substructure at 750 °C gives interesting indications about 
the origins of cyclic softening. The preferential movement 
of dislocations in planar slip bands leads to the formation 
of pileups at the intersections of grain boundaries and slip 
bands. The cumulative effect of stress concentrations aris- 
ing out of such pileups could develop intergranular cracks. 
The presence of a large number of brittle intergranular 
cracks in the bulk reduces the load-bearing area in the LCF 
specimen, and this leads to smaller cyclic tensile stresses. 

At 850 °C and e < 4 X 10~ 5 s~‘ and at 950 °C and e = 
4 X 10 -5 s _! , the alloy displayed rapid softening in the 
initial stages followed by very gradual softening. Annihi- 
lation of dislocations at the grain boundaries and dynamic 
recovery by thermally activated climb gain importance at 
the higher temperatures and lower strain rates. The occur- 
rence of the latter phenomenon is reflected by the devel- 
opment of subgrains with sharp walls. The transition to 
more gradual softening after a few cycles appears to coin- 
cide with the commencement of carbide precipitation in the 
grain interiors. Carbide strengthening counterbalances the 


softening effects associated with the annihilation and rear- 
rangement of dislocations. 1221 

At 850 °C and £ > 4 X 10 -4 s~', the alloy showed initial 
hardening followed by a prolonged saturation stage (Figure 
4). Under these testing conditions, the serrated flow was 
present in the plastic portions of stress-strain hysteresis 
loops (Figure 6), indicating that DSA may be additionally 
responsible for initial hardening. Serrated yielding has been 
reported earlier during cyclic deformation of alloy 800 at 
temperatures between 538 °C and 650 °C (23 - 24) and in the 
monotonic tensile tests between 400 °C and 850 °C. [25) Dy- 
namic strain aging has been considered to result from the 
solute drag exerted on mobile dislocations by carbon atoms. 
Evidence of solute drag during cyclic deformation in alloy 
800H has been reported by Villagrana et alS 24] An alter- 
native mechanism of DSA has been proposed by Mulford 
and Kocks, [26] which is referred to as the dislocation-dis- 
location interaction model. This model suggests that the 
mobile dislocations are temporarily arrested at forest dis- 
locations. Solute atmospheres form on the forest dislocation 
and then drain by pipe diffusion from the forest dislocations 
to the mobile dislocations during the waiting time. The ex- 
treme cyclic hardening observed in high strain-rate tests at 
850 °C and the observed pinning of dislocations by carbides 
in the current study indicate that both carbide precipitation 
and solute drag could contribute to the development of ser- 
rated flow at elevated temperatures. 

C. Time-Dependent Processes Influencing Fatigue Life 

At 850 °C, the decrease in fatigue life with decreasing 
e (Figure 3) corresponds to a transition in crack initiation 
and propagation modes from entirely transgranular at e > 4 
X 10 -4 s - ’ (Figure 14) to completely intergranular initiation 
and propagation at lower strain rates (Figure 15). A similar 
trend in crack initiation mode was seen as the temperature 
was raised at e — 4 X 10~ 5 s“'.Microstmctural analysis by 
TEM and the information gained through longitudinally 
sectioned specimens enabled the identification of the time- 
dependent processes, which operate simultaneously with 
the cyclic deformation process at various conditions. These 
processes are (a) dynamic strain aging, (b) heavy precipi- 
tation of M 23 C 6 in the form of parallel plates, (c) time- 
dependent strain accumulation (creep deformation), and (d) 
oxidation. It is observed that each of these processes oc- 
cupies a characteristic range of test conditions and that their 
dominance is altered by varying the temperature and strain 
rate. 

In terms of its effect on cyclic life, DSA has been shown 
to have a detrimental effect under strain-controlled condi- 
tions. The manifestations characterizing the predominance 
of the DSA process are [27 - 28 - 291 (a) serrated flow, (b) the oc- 
currence of planar slip, (c) a sharp increase in half-life 
stress with decreasing £, i.e., negative strain-rate sensitivity, 
(d) rapid cyclic hardening, and (e) intergranular fracture. 
Although the intergranular fracture had occurred as a result 
of the decrease in strain rate at 850 °C, none of the other 
features that portray DSA could be sustained. The serrated 
flow and cyclic hardening were limited to £ > 4 X 10 -4 
s _1 . This indicates that DSA is effective only in the high £ 
regime. Under the influence of DSA, the higher stresses 
developed during cyclic deformation could lead to a large 
stress concentration at the crack tip and would enhance 
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crack growth rate, thus reducing life. Tests conducted in 
high vacuum on alloy 800H at 600 °C clearly reveal the 
shortening of crack initiation phase due to DSA. [30] The 
precipitation of M 23 C 6 (parallel plates) may be expected to 
lead to a marked reduction in high-temperature ductility, an 
important mechanical property on which the LCF life de- 
pends to a great extent. The life under high strain-rate con- 
ditions might have been much larger without the 
interference of these two time- and temperature-dependent 
phenomena. 

The departure from the tendency to deform by planar slip 
at 750 °C and £ = 4 X 10' 5 s' 1 (Figure 8(c)) to a more 
homogeneous deformation at temperatures >850 °C coin- 
cided with the initiation of surface intergranular cracks and 
reduction in life. Similarly, at 850 °C, there is a change in 
substructure from disordered cells to organized sub-bound- 
aries as the strain rate is decreased. There is no consensus 
on the slip character dependence of cracking modes and 
fatigue life. The time-dependent deformation and concom- 
itant change from planar slip to a more homogeneous de- 
formation has been mentioned earlier as one of the major 
factors for substantial reduction in cyclic life of ASTRO- 
LOY* that has been observed in vacuum upon decreasing 
the strain rate from 1 X 10 -2 to 5 X 10" s s“‘. [31] In RENE* 

*ASTROLOY and RENE are trademarks of General Electric Company, 
Fairfield, CT. 

95 at 649 °C, Bashir and Antolovich [32] have also observed 
lower fatigue lives under conditions conducive to more ho- 
mogeneous deformation compared to those promoting pla- 
nar slip. On the other hand, for both slip conditions, 
WASPALOY** [33] exhibited intergranular fracture and sim- 

**WASPALOY is a trademark of Precision Rings, Inc., Indianapolis, 
IN. 


ilar lives at 800 °C. It has been argued that homogeneous 
slip produces high average boundary stresses, giving rise to 
boundary failure in either initiation or propagation proc- 
esses. Clavel et alP 45 attributed increased crack growth 
rates and intergranular fracture to the effects of planar slip 
in INCONEL 7 718 alloy. We believe that the intergranular 

T INCONEL is a trademark of INCO Alloys International, Inc., 
Huntington, WV. 

cracking and associated reduction in life under conditions 
exhibiting homogeneous slip result from the simultaneous 
action of a more severe time-dependent process such as 
oxidation. However, homogeneous slip is more likely to 
govern life by enabling dislocation climb and cross slip, 
which are responsible for time-dependent strain accumula- 
tion. Time-dependent strain is manifested by the increased 
amount of inelastic strain in a cycle as the strain rate is 
decreased or the temperature is raised. 

Even at the highest temperature and the lowest strain rate 
employed, the grain boundary damage due to creep was not 
observed, implying that the reduction in TV,. as a function of 
strain rate and temperature is not governed by the interac- 
tion of creep damage with fatigue. From several studies on 
austenitic stainless steels and superalloys, it has become 
apparent that the development of creep damage in a fatigue 
cycle depends not only on strain rate but also on cyclic 
loading pattem. [35 ~ 38] In a balanced cycle with equal strain 
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rates in tension and compression, similar to that employed 
in this study, it is considered that bulk intergranular creep 
damage produced in tension is reversed in compression and, 
hence, that no net damage can develop. Woodford and Cof- 
fin [39] have indicated that under balanced cycle conditions, 
creep cavities can occur only when the strain rate is below 
a certain critical value. From this observation, it is inferred 
that the strain rates employed in this study are in a regime 
where the creep damage is not expected to occur in bal- 
anced cycle conditions. 

Irrespective of the cracking mode, oxidation exerted its 
influence over the entire strain rate regime at 850 °C and 
at all temperatures at e = 4 X 10 _s s -1 . The detrimental 
effects of oxidation in fatigue can be attributed to (a) oxi- 
dation-assisted intergranular cracking and (b) accelerated 
transgranular crack initiation and propagation. At 850 °C 
and £>4 X 10~ 4 s _1 , the transgranular crack paths showed 
extensive crack branching (Figure 14). At elevated temper- 
atures and in the case of transgranular fracture, oxygen will 
diffuse along slip bands to enhance stage-I cracking or 
ahead of the crack tip to enhance stage-II type of growth. 
As observed in this study, at certain times, the crack initi- 
ation by stage-I mechanism is bypassed and the crack ini- 
tiation takes place directly by stage-II mechanism (Figures 
7(a) and 14). The thin adherent oxide layer which forms 
during heating and equilibration time prior to the com- 
mencement of a test will act as a barrier to transgranular 
shear slip processes and will prevent the development of 
active shear slip bands in surface-connected grains that are 
responsible for stage-I cracking. Eventually, within a few 
cycles, surface oxide cracks and stage-II cracking quickly 
ensues. The oxide layer experiences a mechanical strain 
which can result from one or a combination of the follow- 
ing: (a) strain from the applied mechanical loading in the 
material, [4 ° : (b) the mismatch in the thermal expansion co- 
efficients among the different stoichiometries of the oxide 
and substrate, [41 - 42 - 43] (c) the load due to the volume differ- 
ence between the substrate and various oxides, t 44 - 45 - 461 and 
(d) relative creep behavior between the oxide and sub- 
strate. [43] A tensile strain in the fatigue cycle will cause the 
brittle oxide to fracture above some critical fracture 
strain. [47) The tensile fracture strain for cracking the chromia 
scale on alloy 800H at 800 °C has been reported to be as 
low as 0.1 pet at a strain rate of ^lO -6 s -1 and to further 
decrease as the strain rate is increased. 1485 It has been found 
that tensile oxide fracture is especially detrimental for crack 
initiation and growth, because the repeated oxide fracture 
can channel crack growth into the substrate. 

The influence of oxidation on crack initiation was clearly 
illustrated by Cofftnl 495 and Solomon and Coffin t50] in com- 
parative experiments in air and vacuum at 816 °C using 
A286 and UDIMET* 500. Fatigue life was higher in vac- 


*UDIMET is a trademark of Special Metals Corporation, New Hartford, 
NY. 


uum than in air, which was also shown for alloy 800H 
under symmetrical loading by Kempf et alP l] and by Bres- 
sers et alP 7] The effect of oxidation in the transgranular 
fatigue cracking regime for alloy 800H has been estimated 
by Bressers et alP 6] by comparing the crack initiation and 
propagation behavior in air with the behavior under vacuum 
over a range of strain rates at 800 °C. Their studies revealed 
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Fig. 1 6 — Intergranular crack initiation in the surface oxide scales formed 
at 950 °C, £ — 4 X 10 -5 s _1 . It can be noted that the oxide scales on the 
crack flanks are porous. 




Fig. 17 — Oxide scale along the intergranular fracture paths at 850 °C, £ 
= 4 X 10 -5 s _I . Internal oxidation could be seen by the sides of crack 
flanks. 


that, besides the enhancement of crack nucleation, oxida- 
tion also speeds up the growth rate of microcracks by en- 
hancing the growth rate of the individual cracks as well as 
through multiple crack coalescence. Evidence for oxida- 
tion-aided intergranular crack initiation and propagation at 
950 °C is presented in Figures 16 and 7(c), respectively. 
These figures clearly show appreciable oxide scale forma- 
tion on the surface and along intergranular fracture paths. 
The absorption and inward diffusion of the oxygen atoms 
down the grain boundaries can cause reduction in the sur- 


Fig. 18 — Intergranular cavities ahead of the crack tip in the tests 
conducted at 850 °C, £ = 4 X 10 -5 s -1 . These cavities resulted due to the 
interaction between oxidation and grain boundary carbides. 


face energy and, presumably, in the cohesive strength 
across the grain boundary. 

For test conditions that promoted intergranular cracking, 
the oxidation process was initiated on those grain bounda- 
ries which are oriented approximately perpendicular to the 
loading axis (Figure 16). Crack initiation was revealed by 
the development of a crack in the surface oxide layer 
formed at the grain boundary (Figure 16). The rapid dif- 
fusion of oxygen along the grain boundaries caused internal 
oxidation in the vicinity and ahead of the microcracks (Fig- 
ure 17). Recent studies on the fatigue crack initiation in 
oxide scales of alloy 800H at 800 °C revealed that the time 
of preoxidation decides the course of surface crack initia- 
tion and internal oxidation. [48;i It has been found that, in the 
initial stages, the rapid scale growth leads to Cr depletion 
in the subsurface regions, facilitating the formation of iron- 
rich oxide scales. The nonexistence of chromia in oxide 
scale modifies its crack healing nature, making it nonpro- 
tective, and prevents the healing of oxide scale cracks. This 
has been found to cause increased internal oxidation along 
grain boundaries leading to the surface crack formation. 

In this investigation, we have noticed occasionally large 
intergranular cavities ahead of the crack tip in the oxygen- 
affected regions because of the decohesion of carbides (Fig- 
ure 1 8). It seems reasonable to suggest that the oxidation at 
the intergranular crack tip and the presence of cavities would 
render a thin layer of material more brittle and so would 
assist crack propagation. It is believed that the type of cav- 
ities shown in Figure 18 occur by the interaction of oxygen 
with grain boundary carbides. The oxygen reacting with the 
grain boundary carbides also enables the formation of CO 
and C0 2 gas bubbles which act as cavity nuclei. [27 - 52_5S] The 
large internal pressure introduced within the gas bubbles 
during the gas-forming reaction is considered to stabilize 
the nucleated cavities. [55] Raj [S6] predicted that an internal 
pressure as high as 1000 MPa may occur during carbide- 
oxidation interaction. The enhanced oxidation of the grain 
boundaries can be ascribed to the lattice mismatch at the 
grain boundary, which provides a path of easy diffusion for 
oxygen, and to the appreciable presence of oxidizable ele- 
ments such as Cr and Ti at the grain boundary in the form 
of carbides. 
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V. SUMMARY 

1. The number of cycles to macrocrack initiation de- 
creased with decreasing strain rate from 4 X 10~ 3 s _1 
to 4 X 10 -6 s —1 at 850 °C and with increasing temper- 
ature from 750 °C to 950 °C at £ = 4 X 10~ 5 s" 1 . 

2. Cyclic hardening and softening behaviors of the alloy 
were found to depend on temperature and strain rate 
conditions employed. A brief period of cyclic harden- 
ing followed by softening was observed at 750 °C. At 
850 °C, £ > 4 X 10 -4 s -1 , a well-defined saturation 
stage occurred after initial hardening. At 950 °C and 
850 °C, £ < 4 X 10~ 5 s cyclic softening was found 
from the beginning. 

3. Dynamic strain aging characterized by serrated flow 
was observed in the higher strain-rate tests at 850 °C. 
The effective pinning of dislocations by fine M 23 C 6 par- 
ticles occurred in the DSA regime. 

4. The alloy deformed predominantly by planar slip at 
750 °C. The accumulation of dislocations in planar slip 
bands and dislocation-precipitate interactions played an 
important role in dictating the course of cyclic stress 
response at 750 °C. The cycling softening at 850 °C 
and 950 °C (£ < 4 X 10 _s s -1 ) was found to have 
correlation with the occurrence of subgrains. 

5. Under balanced cycle conditions employed in this 
study, LCF life is not governed by intergranular creep 
rupture damage mechanisms. Reduction in LCF life 
with increasing temperature and decreasing strain rate 
resulted from homogenization of slip and concomitant 
increase in inelastic strain generated in a cycle and 
partly from the intergranular crack initiation resulting 
from oxidation of surface-connected grain boundaries 
and rapid crack propagation through embrittled grain 
boundaries. 

6. The test conditions that promoted cyclic hardening re- 
vealed massive precipitation of M 23 C 6 on grain bound- 
aries. This observation suggests that the alloy may be 
susceptible to intergranular corrosion in oxidizing en- 
vironments due to the sharp decline in chromium con- 
centration in the regions adjacent to the carbide 
lamellae. 
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